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The physical and mechanical properties that can be obtained with metal matrix composites
(MMCs) have made them attractive candidate materials for aerospace, automotive and
numerous other applications. More recently, particulate reinforced MMCs have attracted
considerable attention as a result of their relatively low costs and characteristic isotropic
properties. Reinforcement materials include carbides, nitrides and oxides. In an effort to
optimize the structure and properties of particulate reinforced MMCs various processing
technigues have evolved over the last 20 years. The processing methods utilized to
manufacture particulate reinforced MMCs can be grouped depending on the temperature of
the metallic matrix during processing. Accordingly, the processes can be classified into three
categories: {a) liquid phase processes, (b) solid state processes, and (c) two phase
(solid—-liquid) processes. Regarding physical properties, strengthening in metal matrix
composites has been related to dislocations of a very high density in the matrix originating
from differential thermal contraction, geometrical constraints and plastic deformation during

processing.

1. Introduction
The attractive physical and mechanical properties that
can be obtained with metal matrix composites
(MMCs), such as high specific modulus, strength, and
thermal stability have been documented extensively
[1-7]. MMCs combine metallic properties (ductility
and toughness) with ceramic properties (high strength
and high modulus), leading to greater strength in
shear and compression and higher service temperature
capabilities. Interest in MMCs for aerospace, auto-
motive and other structural applications has increased
over the last five years, as a result of availability of
relatively inexpensive reinforcements, and the devel-
opment of various processing routes which result in
reproducible microstructures and properties [8]. In
aerospace applications, reductions in structural
weight can be effected, not only by reducing the alloy
density, but also by increasing its modulus. For ex-
ample, a 50% increase in modulus, achieved by substi-
tuting a discontinuous silicon carbide reinforced
aluminium alloy for an unreinforced wrought coun-
terpart, resulted in a 10% reduction in weight [9].
Reinforcement materials include carbides (e.g., SiC,
B,C), nitrides (e.g., SizN,, AIN), oxides (e.g., Al,Os,
Si0,), as well as elemental materials (e.g., C, Si). The
reinforcements may be in the form of continuous
fibres, chopped fibres, whiskers, platelets, or partic-
ulates. SiC, for example, is being used in aluminium
and magnesium MMCs in all of the above mentioned
forms and carbon and silicon fibres are being used in
aluminium-, magnesium—, and copper-matrix com-
posites [10].
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Early studies on MMCs addressed the development
and behaviour of continuous fibre reinforced high
performance hybrid materials, based on aluminium
and titanium matrices [11, 12]. Unfortunately, despite
encouraging results, extensive industrial application of
these composites has been hindered by high manufac-
turing costs associated with the high costs of the
reinforcement fibres (i.e., $ 660 K g~ ! for boron fibres)
and highly labour intensive manufacturing processes.
As a result, utilization of these materials has been
limited, almost exclusively, to military and other
highly specialized applications.

The family of discontinuously reinforced MMCs
include both particulates and short whiskers or fibres.-
More recently, this class of MMCs has attracted
considerable attention as a result of: (a) availability of
various types of reinforcement at competitive costs
(ie., $4.85 K g ! for SiC particulates), (b) the success-
ful development of manufacturing processes to produce
MMCs with reproducible structures and properties,
and (c) the availability of standard or near standard
metal working methods which can be utilized to form
these MMCs [ 13]. Moreover, the problems associated
with fabrication of continuously reinforced MMCs,
such as: (a) fibre damage, (b) microstructural non-
uniformity, (c) fibre to fibre contact, and (d) extensive
interfacial reactions can be avoided with discontinu-
ous reinforcements [14]. In applications not requiring
extreme loading or thermal conditions, such as in
automotive components, discontinuously reinforced
MMCs have been demonstrated to offer essentially
isotropic properties with substantial improvements in
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strength and stiffness, relative to those available with
unreinforced materials [15-18].

Although whisker reinforced MMCs have been
shown to have attractive combinations of strength
and thermal stability relative to those of particulate
reinforced materials, extensive commercialization of
whisker reinforced MMCs has been slow as a result of:
(a) the high costs associated with currently available
whiskers, (b) observed faulted internal structure of
whiskers and irregular surface which may contain
particulate contamination as observed in SiC whiskers
[19], and (c) the asbestos-like health hazards associ-
ated with high aspect ratio particulates.

The family of particulate reinforced metal matrix
composites include dispersion strengthened (DS)
alloys and cermets. DS alloys consist of metal matrices
with additions of hard insoluble particle constituents
with sizes of the order of a micrometre and in small
proportions, typically below 5 vol %. A cermet is a
mixture of ceramics and metals. Its structure is com-
posed of ceramic grains bonded in a metal matrix.
The volume fraction of the metal matrix may be up to
30%. Bonding between metal and ceramic results
from their mutual or partial solubility or from ele-
mental additions that are partially soluble in both
[20].

The objective of this work is to examine the various
factors affecting: (a) processing, (b) microstructure,
and (c) mechanical behaviour of discontinuously re-
inforced metal matrix composites. In particular, this
work will address the effects of the compatibility
between reinforcement and matrix, and the ensuing
interfacial activity on the resulting strength and fa-
tigue life of the MMCs, at both ambient and elevated
temperatures.

2. Materials selection
2.1. Reinforcement selection
Selection criteria for the ceramic reinforcement in-

(i) elastic modulus,
(i) tensile strength,
(ii) density,
(iv) melting temperature,
(v)  thermal stability,
(vi) coefficient of thermal expansion,
(vii) size and shape,
compatibility with matrix material, and

(ix) cost
Some selected properties of commonly used ceramic
reinforcements are shown in Table I [10, 13, 217]. The
structural efficiency of discontinuously reinforced
MMC s is a function of the density, elastic modulus,
and tensile strength of the reinforcing phases. The
chemical stability and compatibility of the reinforce-
ments with the matrix material are important, not
only for the end application, but also during material
fabrication. The thermal mismatch strain, €, between
reinforcement and matrix is an essential consideration
for composites that will be exposed to thermal cycling.
g is a function of the difference between the coefficients
of thermal expansion, Aa, of the reinforcement and
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matrix according to the following expression

e = AAT 1)

where AT is the temperature change. It is important
for Ao to be a minimum in order to minimize strain
accumulation. It is also important to recognize that
relaxation of these strains, by the formation of a
dislocation network, will alter the response of the
MMC to thermomechanical processing relative to
that of unreinforced alloys [22, 23]. The crystal struc-
ture of the reinforcements is affected by manufacturing
processes, ¢.g., SiC crystals may be of § (bcc) or a
mixture of p and o (hcp) phases. In powder metal-
lurgy processed MMCs, for example, the importance
of selecting the appropriate SiC size to matrix powder
size ratio in PM processing method has been demon-
strated by ALCOA investigators [24, 25]. The results
of these studies, as shown in Fig. 1 [24], indicate that
there is a relationship between the toughness of SiC,
reinforced MB78 — a 7000 series aluminium alloy —
and the SiC,-Al powder size ratio. An inspection of
the results shown in this figure shows that for a given
volume fraction of SiC,, toughness increases with a
decrease in interparticle distance, as indicated by a
higher SiC,~Al powder size ratio.

2.2. Matrix selection

Whereas any of the commonly used structural alumi-
nium alloys — 6xxx and 7xxx — can be utilized as
matrices, the use of MMCs for elevated temperature
applications necessitates the presence of thermodyn-
amically stable dispersoids. This requirement has been
achieved by using an alloy—dispersoid system in which
elemental solubility, solid state diffusivity and inter-
facial energies are minimized, thereby minimizing
coarsening and interfacial reactions [26]. For ex-
ample, titanium additions to aluminium are attractive
because they promote the precipitation of the Al Ti
phase. This phase enhances the thermal stability and
structural efficiency of the matrix as a result of a high
melting point (1330 °C), low density (3.3 gecm ™) and
low diffusivity (1.69 x 10~ **em? s™!) in aluminium
[27, 28].

The requirements of low density, with reasonably
high thermal conductivity, have made aluminium and
magnesium alloys the most commonly used matrices.
Regarding alloying additions, the results of several
studies [29, 30] have shown that low matrix alloying
additions result in MMCs with attractive combina-
tions of strength, ductility and toughness. Minor al-
loying elements (e.g., Mn, Cr), commonly used in
wrought alloys as grain refiners, are unnecessary in
discontinuous reinforced MMCs [29]. Furthermore,
these additions should be avoided, since they might
result in the formation of coarse intermetallic com-
pounds during consolidation and subsequent pro-
cessing, thus impairing the tensile ductility of the
composite.

2.3. Matrix—ceramic interface
The interface formed between the matrix and the



TABLE I Properties of ceramic reinforcements [10, 13, 21]

Ceramic Density Expansivity Strength Elastic modulus
(x 10 3 kgm™?) (10-6°C~1) (MPa) (GPa)

ALO, 3.98 7.92 221(1090°C) 379(1090°C)

AIN 3.26 : 4.84 2069(24°C) 310(1090°C)

BeO 3.01 7.38 24(1090°C) 190(1090°C)

B,C 252 6.08 2759(24°C) 448(24°C)

C 2.18 — 1.44 - 690

CeO, 7.13 1242 589(24°C) 185(24°C)

HIC 1220 6.66 - 317(24°C)

MgO 3.58 11.61 41(1090°C) 317(1090°C)

MoSi, 631 8.91 276(1090°C) 276(1260°C)

Mo, C 8.90 5.81 - 228(24°C)

NbC 7.60 6.84 - 338(24°C)

Si 2.33 3.06 - 112

SiC 3.21 5.40 - 324(1090°C)

Si,N, 3.18 144 - 207

SiO, 2.66 < 1.08 - 73

TaC 13.90 6.46 - 366(24°C)

TaSi, - 10.80 - 338(1260°C)

ThO, 9.86 9.54 193(1090°C) 200(1090 °C)

TiB, 4.50 8.28 - 414(1090°C)

TiC 493 7.60 55(1090°C) 269(24°C)

Uo, 10.96 9.54 - 172(1090°C)

vC 5.77 7.16 - 434(24°C)

wC 15.63 5.09 - 669(24°C)

WSi, 9.40 9.00 - 248(1090°C)

Z1B, 6.09 8.28 - 503(24°C)

ZrC 6.73 6.66 90(1090°C) 359(24°C)

ZrO, 5.89 12.01 83(1090°C) 132(1090 °C)

& 0B . T T can be obtained by measuring the contact angle, 0, see
= o-03 Fig. 2, formed between a solid and a liquid, as defined
3 B 71 by Young’s equation [32]
0 - -
§ # 0—024:1 YSg = 'YlgCOSG + 'Ysl (2)
=
Ee - o-11 7 where v, v, and 7y, are the interfacial energies be-
° "k . tween solid and liquid, solid and gas, and liquid and
§ gas phases, respectively. In terms of the energetics of
= 0-062:1 . . .

> - . wetting, the work of adhesion, W,,, is defined as the
S energy required to separate a unit area of the
2 r 0531 -0 7 solid-liquid interface, according to [33]

| i D—O‘M:Il |
Wy = Ylg(l + cos0) (3)
50 60 70 80 90 100

Tensile strength (ksi)

Figure I Influence of SiC,-Al size ratio on fracture toughness
of MB78; APD is average particle diameter [24]. (O 15 v/o-T4,
120 v/o-T4.

ceramic reinforcement is of interest since the charac-
teristics of this region determine load transfer and
crack resistance of the MMCs during deformation.
Systematic studies of metal-ceramic interfaces were
initiated in the early 1960s [31]. It is now widely
accepted that in order to maximize interfacial bond
strength in MM, it is necessary to promote wetting,
control chemical interactions, and minimize oxide
formation. The interaction may be in the form of
mechanical locking or chemical bonding between the
matrix and the reinforcement.

Wetting is effected between a metal and a liquid
when the strength of the interfacial bond exceeds the
surface tension of the liquid. A measure of wettability

Hence, wetting is achieved when 6 < 90° (i.e., when
Ysg > Vo) OF when the driving force for wetting, Dy,
exceeds the liquid interfacial energy (ie., D¢ > 7vy,)
[33]. The value of D; depends on the surface tension of
the liquid and the strength of the liquid—solid inter-
face, which in turn are influenced by surface character-
istics, interfacial reactions, heat of formation, valence
electron concentration, temperature and time [34].
Wetting is difficult to achieve in molten metal-
ceramic systems as a result of the high surface tension
commonly associated with molten metals (of the order

;:.1:'.. .-\I/_ _\/ d partic

1l ]
._GCXY/
% liquid

Figure 2 Schematic diagram showing contact angle formed between
solid, liquid and gas phases.

1139



2600 : ! L L
L+ L + ALSIC
] C - A1+A14C\ L+Al4\C3 + Al,SiC,
2200 - L L+C+SiC | 600 il 1]
i L+SiC I 1 o
L+ A1,8i,Cs 590 L+Al+
- 11 a,c L+SiC+ [
& 1800 N~ P 43 ;
Al
g L+ Al4SiC4 L+SiC+ AI4SIZC5 ] 4Slc4
£ . + AlSi,Cs : ~ L+Al+
g g ss0 {fl ALSC, s
g 1400 | - )
£ o 2 1 If= a1+ Asic, i
ot 4 L + ALSiIC, + SiC R 5
g 570 1 r
- L
1000 - = | Al+ALSIiC, +SiC |
L +ALSiC,
i 560 1 g
600_ L | fle— Ar+ALsiC, + I
ALALCS 7 AL+ ALSIC, + ALC, ALC,
T T T T . 550 4
SiC
Al g 0.1 0.2 03 0.4 05 0 0.1 0.2
(a) Mole - Fraction (C) Al {b) Mole - Fraction (C)

Figure 3 The Al-SiC isopleth (a) for the temperature range 400 to 2600 °C and the expanded view (b) for temperature range 550 to 600 °C

[43].

of 1000 mJ m ~ %), For example, wetting of carbon, SiC,
B,C and Al,0; by aluminium and its alloys has been
measured and found to be poor below 950°C [6].
Nevertheless, wetting can be effected in these systems
by promoting a decrease in the contact angle through

(1) increasing the surface energy of the solid,

(2) decreasing the solid-liquid interfacial energy,
and/or

(3) decreasing the surface tension of the liquid
metal.

In practice, these can be achieved by (a) applying
metallic coatings to the ceramic particulates, (b) al-
loying the metallic matrix with reactive materials and
(c) heat treating the ceramic particulates [35].

The application of metallic coatings, such as nickel
and copper, to the ceramic particulates increases the
overall surface energy of the particulates by altering
the nature of the interface from metal-ceramic to
metal-metal. Hence, wetting is achieved by effecting a
strong interaction at the interface between the matrix
and the reinforcement. This approach has been suc-
cessfully utilized, for example, in the AI-Al,O, system
by coating the Al,O; with nickel and Ti-Ni [36, 37].

The addition of reactive elements such as Li, Mg,
Ca, Ti, Zr, and P to the matrix material improves
wetting characteristics of metal-ceramic systems
through: (a) a reduction of the surface tension of the
melt, (b) a reduction of the solid-liquid interfacial
energy of the melt, or (c) by inducing a chemical
reaction at the interface. In aluminium alloys, for
example, wetting of certain ceramics can be enhanced
through additions of elements which have a high
affinity for oxygen, such as those in group I and 1I,
(e.g., lithium and magnesium) [ 38, 39]. The presence of
3wt% Mg decreased the surface tension of pure
aluminium from 0.760 to 0.620 N m™!; the surface
tension of magnesium is 0.599 N'm ™! [40]. Regarding
interfacial activities, chemical reactions have been ob-
served to occur readily between Al,O; and divalent
transition metal oxides, resulting in the formation of
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aluminate spinels such as MgO-Al,O; [41]. These
mineral spinels or oxides promote interfacial bonding
since they form strong bonds between both metals and
ceramics.

Thermal treatment of ceramic particulates has been
effectively utilized to promote wetting in MMCs
through desorption of adsorbed gases from the ce-
ramic surfaces. In the presence of oxygen, metals with
a high free energy of oxide formation form stable
oxides which act as effective diffusion barriers that
decrease the level of interaction at the interface [42].
Hence, the wettability of oxides by molten metals is
poor, unless a certain temperature threshold is
reached at which the oxide can be penetrated by the
molten metal. In addition to thermal exposure, ultra-
sonic irradiation of the melt has also been shown to
induce partial desorption of adsorbed gases from the
ceramic particulates, thereby improving wetting. An
excellent review on wetting behaviour in MMCs is
available elsewhere [33].

2.3. Matrix—ceramic interaction zones
Although limited interfacial reactions may enhance
the load bearing capabilities of MMCs, extensive in-
terfacial reaction zones, exacerbated by high pro-
cessing temperatures, will form to the detriment of the
composite. Although some degree of wetting is neces-
sary before interfacial reactions begin to occur, the
extent and products of these reactions will depend
mostly on the thermodynamic potential of the ele-
ments involved. For example, in the Al-SiC system
intermediate phases such as Al,C; and AL,SiC, may
form either as a continuous layer or isolated pre-
cipitates [43] (see Fig. 3). SiC reacts with molten Al
(T > T,)according to the reactions

4Al + 3SiC = ALC, + 3Si @)
4Al + 4SiC = ALSIC, + 3Si )

Further growth occurs, in the case of the first reaction,



by solid state diffusion through the Al,C, layer, and in
the case of the second reaction, by the dissolution of
the SiC into the liquid aluminium. Although bonding
between SiC and Al,C; appears to be good, the
Al,C,-SiC interface is generally rough and can lead to
regions of stress localization. For example, in the
graphite-aluminium system, degradation of the gra-
phite reinforcement also occurs by the formation and
growth of AL,C; at a fast rate above 550°C. In the
presence of interfacial cracks, cavities and voids, for-
med at the interface, new mechanisms of crack initia-
tion and propagation, relative to the unreinforced
metal, are introduced.

Quantitative and qualitative information on the
presence and extent of interfacial reactions in MMCs
can be obtained using various analytical techniques.
In AL-SiC, for example, the presence of interfacial
reactions and their associated products have been
studied by

(a) Measuring the intensity of aluminium carbide
and silicon X-ray peaks [44].

(b) Measuring the thickness of the ceramic-matrix
interaction layer [45].

(c) Determining changes in the liquidus temper-
ature from differential scanning calorimetry (DSC)
traces [46]. This approach is based on the principle
that the liquidus temperature will be depressed pro-
portionally to the extent of silicon dissolution in the
alloy. .

(d) Measuring the relative intensities of silicon and
aluminium across the SiC—matrix interface by scan-
ning Auger microprobe [47].

{e) Measuring the relative concentration of silicon
and aluminium across the SiC-matrix interface by
scanning transmission electron microscope with X-ray
energy dispersion analysis (STEM EDAX) [47].

2.4, Matrix—ceramic interface bond strength
A systematic evaluation of the interfacial bond
strength in MMCs is not available, partly as a result of
the numerous ceramic-matrix combinations, and
partly as a result of a lack of fundamental knowledge
of the interfacial characteristics of these systems. For
example, direct measurements of the interfacial shear
strength in MMCs have been limited to: (i) fibre pull-
out tests [48] and (ii) punch tests using aluminium
discs with pieces of SiC embedded in the center [31].
These approaches, however, often result in brittle
fracture of the SiC. The bond strength can also be
measured by applying the principles underlying the
mechanism of the ductile fracture [49], provided that
the ductile fracture starts by void nucleation at the
ceramic particulates.

Measurement of the bond strength on the basis of
ductile fracture involves establishing the local stress
state during plastic deformation under a triaxial stress
state [50]. A standard tensile test specimen may be
used. A local triaxial stress state can be introduced by
cutting a circumferential groove at the centre of the
specimen, as shown in Fig. 4. The fractured specimen
is-sectioned parallel to the tensile axis and polished.
The polished sections are then examined for voids

R

\
od

Figure 4 Tensile specimen for use in bond strength test; R, a, z, and r
define the geometry of the specimen [50].

and particulate—matrix separation using the SEM.
Bonding analysis [50] shows that the interfacial stress,
o¢, can be calculated from

6 = or + o, (6)

where o 1s the true flow stress in tension correspond-
ing to the local average plastic strain in the absence of
the reinforcement particulates, and oy is the local
negative pressure (the triaxial tensile stress) calculated
from

or/o, = ¢/[l — (r/af]'? z = 0 (7))

where z is the distance along the tensile (z-) axis from
the groove (z = 0), r the distance from the z-axis, 2a
the diameter of the ligament, R the radius of the
groove (see Fig. 4), and

c = 05[1 + aR + (1 + a/R)'7?]/
[2 + a/R + (1 + a/R)"?] {8)
a = a(l + a/R)/a/R 9)

This analysis incorporates three important assump-
tions: first that the volume fraction of reinforcement is
small; second that the particulates are equiaxed; and
third, that the material exhibits a linear strain harden-
ing behaviour. The triaxiality, o1/, reaches its max-
imum value at the bottom of the groove (z = 0) where
¢ =048 and a = 2.3.

The results of a study by Flom and Arsenault [3]
indicate that there was no separation between the SiC
particulates and the aluminium matrix. Hence, it was
assumed that, for Al-SiC bond [51]

G[ 2 O.Tmax + GO
ooc/[1 — (r/a)’]'? + o, (10)
1690 MPa

SOy

¢

Thus, based on this analysis, the lower bound value
for the Al-SiC bond strength was estimated as
1690 MPa.

2.5. Other effects of reinforcements in the
matrix

The presence of ceramic particulates has been shown
to alter the ageing response of MMCs, relative to
those of equivalent unreinforced materials [52-58].
Nieh and Karkac [52] and Christian and Suresh [53],
for example, respectively, found that, whereas the
age-hardening sequences of B,C and SiC particulate
reinforced 6061 aluminium alloy and the unreinforced
alloy were similar, the kinetics of the GP zone forma-
tion and dissolution, and intermediate phase
formation and precipitation, were accelerated in the
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Figure 5 Artificial ageing response for unreinforced (4) and SiCw
reinforced (@) 2124 Al-alloy [53].

reinforced materials. The results of these studies show
that whereas the composite reached peak hardness in
3 h at 450 °C, the equivalent hardness was attained in
the unreinforced material only after 10 h (see Fig. 5).

The eflects of the reinforcements, however, depend
on the matrix material. For example, the presence of
SiC particulates have also been shown to cause
quench insensitive alloys such as Al alloy 6061 to
become quench sensitive and the more quench sensi-
tive alloys, such as Al alloy 7475, to remain unaffected
[55]

The accelerated ageing and quench sensitivity com-
monly reported for reinforced alloys have been at-
tributed to the presence of high diffusivity paths, such
as the high density of dislocations resulting from
differences in thermal expansion between the rein-
forcing particulates and the matrix, and to numerous
heterogeneous nucleation sites causing the precipita-
tion of GP zones or intermediate phases. The phe-
nomenon of quench sensitivity has also been observed
in PM monolithic materials but to a lesser degree
[55, 56]. The nucleation sites common to both PM
and MMCs are the smaller grain and subgrain sizes,
oxide particles, larger dispersoids and constituent par-
ticulates [57]; in MMCs, additional nucleation sites
are the high density of dislocations and the SiC—Al
interfaces [56].

Regarding segregation, the work of Nutt and
Carpenter [57] has shown severe segregation of mag-
nestum and formation of MgO precipitates at Al-SiC
interfaces in Al(2124)-SiC MMCs. Other phases
frequently observed at Al-SiC interfaces include
CuMgAl, and CuAl,. The segregation of Mg, how-
ever, is not limited to MMCs. This phenomenon is
well documented for monolithic AI-Mg alioys, and is
generally attributed to vacancy-solute pair diffusion to
boundaries due to the presence of a supersaturation of
quenched vacancies [58, 59]. The depletion of magne-
sium and copper as well as other elements from grain
interiors, will be detrimental to the behaviour of
MMCs by forming local electrochemical potentials,
which tends to accelerate corrosion processes. Fur-
thermore, high concentration of these elements at the

1142

reinforcement-matrix interface will decrease the
amount of elements available for age-hardening
reactions.

3. Processing

A variety of processing techniques have evolved over
the last two decades in an effort to optimize the
structure and properties of particulate reinforced
MMCs [19, 36, 60—72]. The processing methods util-
ized to manufacture particulate reinforced MMC can
be grouped according to the temperature of the metal-
lic matrix during processing. Accordingly, the pro-
cesses can be classified into three categories: (a) liquid
phase processes, (b} solid state processes, and (c) two
phase (solid-liquid) processes. A critical review of the
various processes follows.

3.1. Liquid phase processes

In liquid phase processes, the ceramic particulates are
incorporated into a molten metallic matrix using vari-
ous proprietary techniques, followed by mixing and
casting of the resulting MMC. However, and as dis-
cussed in a previous section, since most ceramic
materials are not wetted by the molten alloys, in-
troduction and retention of the particulates necessi-
tate either adding wetting agents to the melt, or
coating the ceramic particulates prior to mixing,

3.1.1. Liquid metal-ceramic particulate mixing
Several approaches have been successfully utilized to
introduce ceramic particulates into an alloy melt [35].
These include: (a) injection of powders entrained in an
inert carrier gas into the melt using an injection gun;
(b) addition of particulates into the moiten stream
as it fills the mould; (c) addition of particulates into
the melt via a vortex introduced by mechanical agit-
ation; (d) addition of small briquettes into the melt
followed by stirring. (These briquettes are made from
co-pressed aggregates of the base alloy powder and
the solid particulates); () dispersion of the particulates
in the melt by using centrifugal acceleration; (f) push-
ing of the particulates in the melt by using reciproca-
ting rods; (g) injection of the particulates in the melt
while the melt is being irradiated with ultrasound; and
(h) zero gravity processing. The last approach involves
utilizing an ultra-high vacuum and high temperatures
for long periods of time.

In the processes described above, a strong bond
between the matrix and the reinforcement is achieved
by utilizing high processing temperatures (e.g.,
T > 900 °C for the Al-Al,O, system) and alloying the
matrix with an element which can interact with the
reinforcement to produce a new phase and effect
“wetting” between the matrix and the ceramic (e.g., Li
in Al-SiC system). Agitation during processing is also
essential to disrupt contamination films and adsorbed
layers to facilitate interfacial bonding.

To date, liquid phase processes have reached an
advanced stage of development, and SiC or Al,O,
(3 to 150 um) particulates are routinely added to a



TABLE II Mechanical and physical properties of Duralcan AI-MMC alloys [61]

Alloy*® Yield Ultimate Elon- Modulus K Density Electrical® Thermal®
strength strength gation (GPa) (MPa m'?) (gem™?) conductivity conductivity
{MPa) (MPa) (%) (% IACS) (Wm™Y)

6061-0% AlLLO; 276 310 20.0 69 29.7

6061-10% Al,O; 297 338 7.6 81 241

6061-15% Al,O; 386 359 54 88 220

6061-20% Al,O; 359 379 2.1 99 21.5

2014-0% Al O, 414 483 13.0 73 25.3

2014-10% AlLLO; 483 517 33 84 18.0

2014-15% AlL,O, 476 503 23 92 18.8

2014-20% Al,O, 483 503 0.9 101 -

A356-0% SiC 200 276 6.0 75 - 2.68 37.50 150.57

A356-10% SiC 283 303 0.6 81 - - - -

A356-15% SiC 324 331 0.3 90 - 276 27.60 173.94

A356-20% SiC 331 352 0.4 97 - - - -

2Solutionized to T6 condition.
®22°C, F-temper.
€22°C, T-temper.

variety of aluminium alloy matrices [35, 60, 61]. Am-
ong these, the DURAL process is perhaps the most
advanced in terms of commercial development. The
DURAL process involves the incorporation of cer-
amic particulates into metallic melt through melt
agitation. A summary of the mechanical properties of
various MMC materials processed by the DURAL
process are shown in Table II. The results shown in
this table suggest that it is possible to combine up to
20 vol % of either SiC or Al,O; with various alumi-
nium alloys, to obtain MMCs with attractive combi-
nations of properties.

Despite the encouraging results obtained with li-
quid phase processes, some difficulties exist. These
include: agglomeration of the ceramic particulates
during agitation, settling of particulates, segregation
of secondary phases in the metallic matrix, extensive
interfacial reactions, and particulate fracture during
mechanical agitation.

3.1.2. Melt infiltration

In melt infiltration processes, a molten alloy is intro-
duced into a porous ceramic preform, utilizing either
inert gas or a mechanical device as a pressurizing
medium. The pressure required to combine matrix
and reinforcement is a function of the friction effects
due to viscosity of the molten matrix as it fills the
ceramic preform. Wetting of the ceramic preform by
the liquid alloy depends on: alloy composition, cer-
amic preform matetial, ceramic surface treatments,
surface geometry, interfacial reactions, atmosphere,
temperature and time [62-64]. This approach has
been studied extensively, and in fact, is currently being
used commercially to fabricate the Toyota diesel pis-
ton, an aluminium-chopped-alumina-fibre composite
material [65].

Some of the drawbacks of this process include
reinforcement damage, preform compression, micro-
structural nonuniformity, coarse grain size, contact
between reinforcement fibres or particulates and un-
desirable interfacial reactions [19].

3.1.3. Melt oxidation processes

In melt oxidation processing (i.c., the Lanxide Pro-
cess), a ceramic preform, formed into the final product
shape by a fabricating technique such as pressing,
injection moulding or slip casting, is continuously
infiltrated by a molten alloy as it undergoes an oxida-
tion reaction with a gas phase (most commonly air).
The high temperature oxidation of the molten alloy in
the interstices of the ceramic preform produces a
matrix material composed of a mixture of oxidation
reaction products and unreacted metal alloy [67]. The
primary advantage of this process is derived from its
ability to form complex, fully dense composite shapes.
Attractive combinations of mechanical properties
have been reported for aluminium based MMCs pro-
cessed using this approach (see Table 111 [60]). A joint
venture between Lanxide and Alcan, the Alanx Pro-
ducts L.P., has commercially produced a composite
designated as Alan CG893, an alumina—aluminium
alloy matrix grown around silicon carbide filler. This
product has been demonstrated to exhibit exceptional
erosive wear resistance [68].

3.2. Solid phase processes

The fabrication of particulate reinforced MMCs from
blended elemental powders involves a number of steps
prior to final consolidation. Two of the processes,

TABLE III Mechanical properties of some Lanxide composites
[60]

Matrix—reinforcement Four-point Toughness
test (MPa m'/?)
(MPa)
Aluminium-Al,O;/A1,04 500 9
particulates
Aluminium-Al,O4/SiC 523 8
particulates
Aluminium~Al,O/Nicalon 997 29
fibres
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Figure 6 Schematic diagram of (a) PM-MMC fabrication steps. (b) the Alcoa process [24] and (c) the Ceracon process [66]. In the Ceracon
process (1) Half of the PTM (621 °C) is poured into a preheated die, and the preform is placed into the die. (2) The dieis then filled completely
with the remainder of the heated PTM. (3) A pressure of 180 ksi (1.24 GPa) is applied to consolidate the preform. (4) After pressing, the part is

removed, and the hot PTM is recycled to the PTM heater.

powder metallurgy and high energy rate processing
are described below.

3.2.1. Powder metallurgy

Solid phase processes invariably involve the blending
of rapidly solidified powders with particulates, plate-
lets or whiskers, using a number of steps, as shown in
Fig. 6a. These include: sieving of the rapidly solidified
powders; blending with the reinforcement phase(s),
pressing to approximately 75% density, degassing and
final consolidation by extrusion, forging, rolling, or
some other hot working method. This technology has
been developed to various degrees of success by vari-
ous commercial manufacturers, including: Alcoa
(Pennsylvania, PA), Ceracon Inc. (Sacramento, CA),
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DWA Composites Specialities Inc. (Chatsworth, CA),
Naval Surface Weapons Center, White Oak Laborat-
ory (Silver spring, MD) and Advanced Composite
Materials Corp. (Greer, SC). The Alcoa and the Cer-
acon processes are shown diagrammatically in Fig. 6b
and c, respectively. Consolidation of the MMC pre-
form is achieved by hot extrusion in the Alcoa process,
whereas in the Ceracon process, final densification is
achieved by hot pressing in a pressure transmitting
medium (PTM). The PM methods have been success-
fully applied to a large number of metal/ceramic
combinations [10, 13, 22, 24, 54, 69]. The mechanical
properties of an extruded composite containing SiC
whiskers and particulates are shown in Table I'V [36].
The results show that PM processed Al-SiC MMCs
possess higher overall strength levels relative to those



TABLE IV Typical room temperature properties of PM Al/Sic
composites [69]

Material Process Orienta- YS UTS EL E
tion (MPa) (MPa) (%) (GPa)

6061-T6 Extrusion - 255 290 17 70
6061-T6 PM/Ext L 440 585 4 120
(20% SiC,,)

6061-T6 PM/Ext L 570 795 2 140
(30% SiC,,)

6061-T6 PM/Ext L 415 498 6 97
{(20%-SiC,)

corresponding to the equivalent material processed by
a liquid phase process; the elongation values, however,
are lower.

In terms of microstructural requirement, the pow-
der metallurgy (PM) approach is superior in view of
the rapid solidification experienced by the powders.
This allows the development of novel matrix materials
outside the compositional limits dictated by equilib-
rium thermodynamics [ 70, 717 in conventional solidi-
fication processes.

3.2.2. High-energy-high-rate processes

Another approach which has been successfully utilized
to consolidate rapidly quenched powders containing a
fine distribution of ceramic particulates is known as
high-energy-high-rate processing [72, 73]. This ap-
proach involves the consolidation of a metal-ceramic
mixture through the application of a high energy in a
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short period of time. An inspection of the available
literature reveals that both mechanical and electrical
high energy sources have been successfully utilized to
consolidate MMCs [72, 73]. For example, Marcus
et al. [73] were able to consolidate Al-SiC MMCs by
heating a customized powder blend through a fast
electrical discharge from a homopolar generator. The
high-energy-high-rate (1 MJs™!) pulse permits the
rapid heating of a conducting powder in a cold wall
die. The short time at temperature approach offers the
opportunity to control phase transformations and the
degree of microstructural coarsening not readily pos-
sible using standard powder processing methods. This
process has also been successfully applied to manufac-
ture Al-SiC and (TizAl + Nb)-SiC composites [72,
731. Although the results are encouraging, extensive
work remains to be completed in order to access the
potential application of this approach. The issues that
remain to be addressed include, for example, the
maximum thickness that can be processed using com-
mercially available energy sources.

3.3. Two-phase processes

3.3.1. Osprey deposition

In the Osprey process, the reinforcement particulates
are introduced into the stream of molten alloy which is
subsequently atomized by jets of inert gas. The
sprayed mixture is collected on a substrate in the form
of a reinforced metal matrix billet. This approach was
introduced by ALCAN as a modification of the
Osprey process [74, 75]. See Fig. 7. This process
combines the blending and consolidation steps of the
PM process and thus promises major savings in
MMC production.
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Figure 8 Schematic diagram of the variable codeposition process [78-80]. (a) gas flow, (b) fluidized bed.

3.3.2. Rheocasting
In rheocasting, the ceramic particulates are added into
a metallic alloy matrix at a temperature within the
solid-liquid range of the alloy, followed by vigorous
agitation to form a low viscosity slurry. This approach
takes advantage of the fact that many metallic alloys
-behave like a low viscosity slurry, when subjected to
vigorous agitation during solidification. This behavi-
our, which has been observed for fraction solids as
high as 0.5, is thought to result from the breaking of
solid dendrites during stirring, into spheroidal solid
particles which are then suspended in the liquid as fine
grained particulates [76,77]. This characteristic of
numerous alloys, known as thixotropy, can be re-
gained even after complete solidification by raising the
temperature. This approach has been utilized in die
casting of aluminium and copper base alloys [76, 77].
The slurry characteristics of the matrix during
stirring permit the addition of reinforcements during
solidification. The ceramic particulates are mechan-
ically entrapped initially and are prevented from ag-
glomeration by the presence of the primary alloy solid
particles. The particulates subsequently interact with
the liquid matrix to effect bonding. Furthermore, the
continuous deformation and breakdown of the solid
phases during agitation prevent particulate agglomer-
ation and settling. This method has been successfully
utilized by Mehrabian et al. [76] to incorporate up to
30 wt % of Al,O,, SiC, and up to 21 wt% glass
particles 14 to 340 um diameter, in a partially solidi-
fied, ~ 0.40 to 0.45 fraction solid, Al-5%Si-2%Fe
alloy. The majority of the particulates were found to
be homogeneously distributed in the matrix, except
for coarser, 340 um size, particulates which settled
during solidification.

3.3.3. Variable co-deposition of multi-phase
materials (VCM)

During VCM processing, the matrix material is dis-

integrated into a fine dispersion of droplets using high
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velocity gas jets. Simultaneously, one or more jets of
strengthening phases are injected into the atomized
spray at a prescribed spatial location (see Fig. 8) where
the droplets contain a limited amount of volume
fraction of liquid. Hence, contact time and thermal
exposure of the particulates with the partially solidi-
fied matrix are minimized, and interfacial reactions
can be controlled. In addition, tight control of the
environment during processing minimizes oxidation
[79].

In recent studies, Gupta et al. [78] incorporated -up
to 20 vol % of SiC particulates into an aluminium
lithium matrix using VCM. In these studies, injection
of the reinforcing phase was accomplished by entrain-
ing SiC particulates in an inert gas stream using a
suitably designed fluidized bed. Fig. 9 shows a typical
microstructure of an Al-Li-SiC MMC processed by
the YCM method and Tables V and VI give the results
of image analysis of the microstructure of five distinct
experiments. The results shown in Tables V and VI
indicate that the angle of injection affected the result-
ing distribution of SiC, in the matrix, showing that it

Figure 9 Structure of a VCM processed Al-Li-SiC composite [79].



TABLE V Experimental variables used in VCM study [79]

Variables Experiment numbers
1 2 3 4 5

Matrix alloy Al-Li Al-Li AlLi Al-Li Al-Li
Reinforcement SiC, SiC, SiC,, SiC, SiC,
Atomization pressure (MPa) 1.2 1.2 1.2 1.2 1.2
Atomization gas Argon Argon Argon Argon Argon
Fluidized bed gas Argon Argon Argon Argon Argon
Injection angle® (deg) 30 20 90° 30 30
Fluidizing pressure (MPa) 0.69 0.69 0.69 0.69 0.69
Flight distance (m) 0.41 0.41 0.41 0.41 0.41
Pouring temperature (°C) 840 840 840 840 840
Metal delivery tube

diameter (mmy) 3.30 327 333 3.05 3.00
Atomization nozzle

pressure condition {(kPa})® ~0 6.0 ~0 ~0 ~0

2 The injection angle refers to the relative angle between the spray of SiC, and the concentric vertical axis of the atomized matrix.
®The 90° injection was conducted at a matrix flight distance of 0.15 m.

°Positive and zero values represent pressurization and metal free-fall respectively.

TABLE VI Results of image analysis of Al-Li-SiC, composite [79]

Sample® Equivalent diameter (um)® Volume fraction (%) Particle
spacing
Min. Max. Mean c Min. Max. Mean g (A, pm)
1A 0.57 09.00 2.70 2.01 1.92 08.33 3.49 1.82 14.48
1B 0.57 10.00 2.71 2.10 2.89 06.15 4.56 1.13 12.69
1C 0.57 12.00 2.10 1.76 440 13.44 7.89 1912 07.48
2A not determined - 9.60 08.71¢
2C not determined - 11.65° 07.91¢
3A 0.57 11.00 2.76 2.13 4.69 7.19 6.12 0.85 11.14
3B 0.57 10.00 2.86 2.12 4.38 6.10 5.13 0.50 12.62
3C 0.57 9.00 334 2.16 1.34 3.16 2.49 0.54 21.16
4A 0.25 13.56 1.65 292 18.39 24,72 20.75 2.25 18.14
4B 0.25 9.33 1.54 2.34 3.17 07.36 0541 1.56 2571
5A 0.25 10.68 1.61 2.19 2.60 07.63 03.70 1.54 19.99
5B 0.25 16.95 227 424 2.77 08.95 06.00 229 11.89
5C 0.25 18.92 2.58 4.83 0.76 15.00 05.29 5.23 10.78

2 A, B, C designations refer to top, centre and bottom regions, respectively, of the spray deposited Al-Li-SiC,.
*The equivalent diameter is a measure of the size of the SiC particulates.
“These values of the volume fraction were determined using guantitative metallography.

4 These values were computed for a SiC,, size of 2.7 pm.

is possible to tailor the resulting variations in volume
fraction of SiC, through changes in injection angle.
The higher volume fraction of SiC,, observed in experi-
ment 2 was thought to be the result of the pre-
ssurization condition at the metal delivery tube (see
Table V). This condition, which is caused by the
relative position of the metal delivery tube and the gas
jets, reduces the flow rate of the matrix, effectively
decreasing the Al-Li-SiC, mass flow ratio, hence
resulting in higher SiC, concentration [79]. Regarding
the size distribution of the SiC,, the results from
Tables V and VI {(d5, = 2.7 um) were found to be
consistent with the initial SiC, size (dso = 3.0 um)
used in this study. The slight reduction in particulate
size is attributed to.the difficulties associated with
fluidizing the coarse SiC particulates [79].

4. Physical and mechanical properties
Particulate reinforced MMCs offer significant oppor-
tunities for developing structural materials possessing
combinations of physical and mechanical properties
which are not achievable with monolithic alloys. The
wide selection of matrices and reinforcements permits
the development of MMCs with low density, coeffi-
cient of thermal expansion (CTE) with concomittant
increases in elastic modulus and thermal conductivity
(TC).

Although particulate reinforced MMCs exhibit at-
tractive mechanical properties, such as high tensile
strength, creep and fatigue resistance, less than
optimum ductility and fracture behaviour have lim-
ited widespread usage of these materials. In the next
section, the physical and mechanical properties of

1147



particulate reinforced MMCs are reviewed, with em-
phasis on strengthening mechanisms and predictive
correlations. This is subsequently followed with a
discussion of the behaviour of MMCs at ambient
temperatures, with emphasis on cyclic deformation.
Finally, this section closes with a discussion on elev-
ated temperature behaviour and deformation mech-
anisms.

4.1. Physical properties
Low density MMCs can readily be developed by
selecting low density alloys, such as those based on Al
and Mg, for the matrix material. When structural
requirements demand optimal strength—density ratio
in combination with thermal stability, nickel and ti-
tanium base alloys can also be selected. Whereas most
metallic matrices exhibit reasonably high thermal con-
ductivities (TC), their CTEs are substantially higher
than of most of the reinforcements available (see Table
I). For example, since a number of oxide and carbide
reinforcements exhibit CTEs of nearly zero, these
could be utilized in high volume fractions (V; ~ 40%)
to produce MMCs which exhibit extremely low CTEs.
Regarding the prediction of properties of MMCs
from the properties of the individual components,
numerous mathematical models have been formu-
lated. The simplest model commonly used is the rule-
of-mixture (ROM) approximation, in which the CTE,
density, strength, modulus or any other desired pro-
perty of the MMC can be computed from the
weighted average of the individual components:

d, = O,V + oV, (11)

where « is the property of interest, ¥ the volume
fraction and the subscripts ¢, m and r refer to the
composite, matrix and reinforcement, respectively.
Limitations to the ROM approximation have resulted
in correlations which take into account, for example,
the non-isotropic properties of high aspect ratio re-
inforcements and the effects of thermal barriers at the
interfaces. Considering the effects of isostatic stress,
Turner [10, 817 proposed that the CTE of the com-
posite can be computed from:

CTE, = (CTE,V,.K, + CTE,V,K)/
(VK + VK (12)

where K is the bulk modulus of the phase. The CTE
predicted by this model is significantly lower than that
predicted by the ROM approximation. Kener [82]
proposed a more complicated model which takes into
account the effects of shear stresses between matrix
and isotropic, approximately spherical, reinforce-
ments:

CTE, = CTE, — V,(CTE, — CTE)-A/B (13)
where
A = K,(K, + 4p,)* + (K, — K,)
x (16pZ + 12 pu, K))
B = (3K, + 4p,) [4V, p, (K, — K,)

+ 3K K, + 4 paK]
1148

CTE x100 (k)
10—6/01-"/

. O
O 20 40 60 80 100
Reinforcement (vol %)

Figure 10 The measured CTE values of Al and Mg matrix com-
posites reinforced with SiC (@), B,C (A), or AIN (M) and CTE
values predicted by Kerner and Turner models {10]. ( )
ROM, (——) Kerner, (----- ) Turner.

where p is the shear modulus. The predictions of this
model fall between those computed from the ROM
and those computed using the Turner model. The
measured CTE values of aluminium and magnesium
matrix composites reinforced with SiC, B,C, or AIN
all fall between the values predicted by Kerner and
Turner models as shown in Fig. 10, indicating that
these thermoelastic models provide reasonably accur-
ate CTE predictions.

The TC of a composite can be estimated from the
model originally proposed by Rayleigh [83]:

ke = kol[(1 4+ 2V = ky/k)/(2knfk, + 1)/
[ = V) = kn/k)/Uew/k; + 1)] (14)

where k is the thermal conductivity. The effects of
thermal barriers due to the matrix-reinforcement in-
terface is, however, not taken into consideration in
Equation 14.

The elastic modulus of a composite can be estim-
ated from the model proposed by Hashim and
Shtrikman [84].

E, = E,[E,V, + E(V, + DJ/[E.V,
+ EL (V. + 1] (15)

where E is Young’s modulus: the remaining terms
have been defined previously. The predictions ob-
tained utilizing Equations 14 and 15 are in good
agreement with experimental values, and hence can be
used to estimate the properties of composite materials.

The modulus of elasticity of MMCs is primarily
affected by reinforcement content, in agreement with
equation [15]. In 6061 Al matrix composites, for
example, the elastic modulus has been reported to
increase with reinforcement content, but is found to be
independent of the type of reinforcement [85]. Heat
treatment may have a slight effect on modulus of the
composites; the T6-temper condition was found to
exhibit a lower modulus relative to that of the as
fabricated F-temper [85].

4.2. Strengthening mechanisms
The strength of a crystalline solid is determined by the
stress required to either generate or move dislocations



across a span of the lattice. The latter is a more
important factor in two-phase alloys (matrix plus a
divided second phase). Dislocation motion is con-
trolled either by the dislocation—dislocation interac-
tions, direct dislocation—particulates interaction or by
dislocation interaction with some matrix structure
defined by the presence of dispersoids (indirect
dislocation—particulates interaction).

The strengthening mechanisms in metal matrix
composites have been related to a high dislocation
density in the matrix originating from differential
thermal contraction [86], geometrical constraints
[87] and plastic deformation during processing.

The generation of dislocations as a result of differ-
ential thermal contraction is caused by the large differ-
ence in coefficient of thermal expansion (CTE) of the
matrix and the ceramic reinforcement. The misfit
strains occurring at the matrix—ceramic interface from
thermal contraction during cooling are sufficient to
generate slip dislocations. The CTE of aluminium, for
instance, is ten times larger than that of SiC. Hence, a
misfit strain, €, of about 1% is developed in the
aluminium matrix at the circumference of a 1 pum
diameter SiC particulate. This results in a dislocation
density, p, of 1.8 x 10'*m ™2, calculated using ¢
= pLb, where L(=1 pm) is interparticle spacing and
b is the Burgers vector of aluminium. These disloc-
ations form what is commonly known as a dislocation
induced substructure.

The presence of geometrical constraints also gener-
ates additional dislocations in the matrix. For ex-
ample, during deformation of a ductile matrix con-
taining a dispersion of hard particulates, continued
plastic flow necessitates the formation of dislocations
in order to avoid void formation. The density of
geometrically necessary dislocations, p, is given [87]
by

p = 4y/Ab (16)

where X is the geometrical slip distance, v is the shear
strain.

From the work of Vogelsang et al. [88], the intens-
ity of dislocation generated at the Al-SiC interface is
increased by increasing the size and shape complexity
of the SiC particulate. Furthermore, Lee et al. [89]
predicted that as the particulate size or particulate
surface curvature increases, the plastic zone size also
increases.

Plastic deformation during processing introduces
dislocations which might form substructures that
could control the flow stress of the metal-ceramic
material. These dislocations may be immobilized by
the ceramic particulates and thus be retained in the
matrix after annealing,

Different models describing strengthening mech-
anisms in two-phase alloys have been reviewed by
Ansell [90]. Plastic deformation resulting from extens-
ive dislocation motion would occur if the moving
dislocations could circumvent the dispersed phases by
some bypass mechanism. The flow stress would, there-
fore, be controlled by the stress required to operate
this bypass mechanism. The two bypass mechanisms
proposed for low temperature deformation (< 0.5 7,)

are dislocation bowing, as proposed by Orowan [91]
and cross-slip as proposed by Ashby [92]. In the
former case the yield stress of a material containing a
dispersion of hard phases can be represented by the
expression

o, = T, + Ouyb/L (17)

where @ = 1/2[1 + (1 + v)™']In(L/2b), 1, ty, b, v,
are the resolved flow stress, the shear modulus, the
Burgers vector and the Poisson’s number of the ma-
trix, respectively, and L is the diameter of a semi-
circular dislocation. The formulation of Equation 17
assumes that the dislocations be confined to their slip
planes and that the particulates are unshearable. The
Ashby cross-slip mechanism involves dislocations
bypassing the particulates by double cross slipping on
to another slip plane.

Other mechanisms contributing to strengthening
include the forest interaction of slip dislocations with
the matrix dislocations, as proposed by Guyot [937;
the interaction between the matrix dislocations and
the CTE induced dislocation substructure as proposed
by Dew-Hughes [95]; and the interaction between the
dislocation and the boundary network of dispersion
stabilized subgrain boundaries as proposed by Fisher
et al. [96].

Extensive plastic deformation will occur in two-
phase alloys in which dislocations cut through or
shear the second phase particulates. The plastic strain
resulting from particle bypass by Orowan bowing is of
the order of 10~ * The Orowan model is, therefore,
descriptive of microyielding rather than gross yielding
of a two-phase alloy [97]. Particle shear is, thus,
required for the gross yielding to occur. The matrix
dislocation mobility and hence the flow stress of the
matrix is controlled by the resistance of the particulate
to shear. The energy, U,, required to move a disloca-
tion in the crystal lattice by a resolved shear stress, 1. is

U, = thd (18)

where A is the area on the slip plane traversed by the
dislocation. In order to cause yielding, the shear stress
due either to the dislocation piled-up against or
around the particle must shear the particles. The
energy required to cause particle shear is a function of
the structure of the matrix and second phase and their
mutual orientation in space. For coherent particles,
shearing will occur by the passage of matrix disloca-
tions through the particles. Particle deformation dir-
ectly follows bulk alloy strain and according to Kelly
and Nicholson [98], U, equals the energy required to
cause particle shear and is a function of the structural
changes such as: (a) increase of particle-matrix inter-
face area, (b) anti-phase boundary formation if the
dispersed phase is ordered, and (c) dislocation dipole
formation and extension. The fracture stress of
coherent phases, F, is, therefore

F = (yd/d; + va/b + pb/2d)cos®y  (19)

where d; 1s the mean particle intercept diameter on the
slip plane and V is the angle between the primary and
cross slip planes.
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For incoherent particles [97, 99], the particle-
matrix interface is equivalent to a grain boundary and
so precludes the passage of a dislocation. Particle
shear will occur if the resolved shear stress, induced by
the dislocation array against the particle, causes
dislocation motion within the particles. Slip must take
place in several slip systems of the second phase in
order to satisfy the strain compatibility required be-
tween the two phases. Since this is difficult, relaxive
matrix dislocation motion near the particie is re-
quired. The particle-matrix interface may fail causing
void formation, and therefore, a significant amount of
particle shear may not be expected. When particle
shear occurs the shear stress, 1, on the particle due to
a dislocation pile-up, is

nt = 2ht*/uyb
nuwb/r = 4ht/d;

where n = (2At/pyb) is the number of dislocations in
the pile-up and 7 is the externally applied resolved
shear stress on the crystal, p, is the shear modulus of
the matrix, r the radius of curvature of the dislocation
nearest the particle, and A the interparticle spacing.
The shear stress, F, for the particle is, generaily,
proportional to its shear modulus, p,. The flow stress
is, therefore

forr > pyb/t  (20)
forr < uyb/t  (21)

fp=

Tp=

()

]

(mubyb/2AC)!?  coarse particles  (22)

pr/2hC = p,d;/40C fine particles
(23)

(&

i

where C is a constant (equal to 30 for defect free
particles and 1000 for defective particles). A can be
calculated from (A + d = 0.806/f'/3).

4.3. Ambient temperature behaviour

4.3.1. Tensile properties

There are numerous factors influencing the yield (YS)
and tensile (TS) strength of particulate reinforced
MMCs. These factors are complex and interrelated.
For example, one of the most important factors influ-
encing the mechanical behaviour of MMCs is the
alloy matrix. Whereas alloys exhibiting relatively high
YS and TS levels result in MMCs with concomittant
increases in strength, their deformation behaviour is
typically extremely poor. Furthermore, heat treatment
affects the transition from elastic to plastic behaviour;
hence, peak aged MMCs (i.e., T6-temper) exhibit a
slightly greater amount of elastic strain, YS and TS
values than those in the as fabricated condition (F-
temper) [85]. This increase in the flow stress of the
composites with heat treatment is likely to be an
indication of the additive effects of dislocation inter-
action with both the alloy precipitates and the re-
inforcements [85]. Although increasing the volume
fraction of reinforcements generally increases the
strength of the MMCs, the magnitude of the increase
depends, among other factors, on the volume fraction
of reinforcement. In the Al-SiC, system, for instance,
the rate of increase in strength with volume fraction
decreases beyond approximately 30 to 40 vol % SiC.
Fracture of the MMCs containing this amount of
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reinforcement typically occur while still in the steeply
ascending portion of the stress—strain curve [85]. (See
Fig. 11) '

The mechanical properties of MMCs are also affec-
ted by the residual stresses which form as a result of
the differences in the thermal expansion coefficients
between the matrix and reinforcement. There are vari-
ous models which have been developed to estimate the
residual stresses in MMCs. For instance, the models
developed by Eshelby [100], Mura and Taya [[101],
and Tanaka and Mori [102] can be utilized to predict
the yield stress, both in tension as well as compression.

Analysis of the theoretical model proposed by
Eshelby [100], in combination with the X-ray diffrac-
tometry studies conducted by Arsenault and Taya
[103], reveal some interesting trends. First, the theor-
ctical model predicts a yield stress which is higher in
compression than in tension; this is in agreement with
experimental results. Second, the predicted values of
the yield stress of the MMCs were found to be less
than those experimentally determined both in tension
and compression. This discrepancy was attributed to
the high dislocation density present in the annealed
MMC s, and which is not considered in the de-
velopment of the models. Third, although the average
residual stress in the MMC:s is relatively small, there
can be relatively substantial compressive stresses at
the matrix-reinforcement interface. In addition, the
state of stress in the matrix region adjacent to the
reinforcements may be either tensile or compressive,
depending on the size, distribution and loading of the
strengthening phases. Fourth, in the matrix region
between the reinforcements, the residual stress will be
tensile, and plastic deformation is likely to initiate in
this since it contains fewer dislocations when com-
pared to the reinforcement—matrix interface.

Regarding deformation and fracture mechanisms in
particulate reinforced MMCs, however, our know-
ledge is still limited. For example, the critical factors
affecting the dependence of fracture toughness on the
size and distribution of strengthening phases have yet
to be established. Whereas from the aforementioned
discussion on melting and interfacial reactions it is
clear that some sort of bond will be necessary in order
to accomplish efficient load transfer, it is not obvious
whether a strong or a weak bond is preferable. For
example, during dynamic deformation, and as will be
discussed in a subsequent section, a weak interface can
effectively promote crack arrest during fatigue crack
propagation. In addition, fracture of the strengthening
particulates [16, 104] as well as matrix fracture [16,
105, 106] have been reported to control the deforma-
tion of particulate reinforced MMCs.

4.3.2. Fatigue properties

The lack of systematic studies, addressing the role of
composite microstructure in controlling fracture [15,
107-110] and fatigue resistance [111-118] in MMC
materials, has contributed to our current limited un-
derstanding of deformation and fracture in particulate
reinforced MMCs. Shang et al. [119] investigated the
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primary mechanisms governing the role of the partic-
ulates in influencing fatigue crack propagation in PM
Al-SiC particulates (20 vol %) at R = 0.1. It was
observed that fatigue crack performance, with cither
fine (nominal size 5 pm) or coarse (nominal size 16 pm)
SiC particulates, relative to that of the unreinforced
alloy, depends critically on the interaction between
cyclic crack growth in the softer matrix and the deco-
hesion, or more importantly brittle fracture, of the
harder particulates. This interaction varies with the
stress intensity levels (AK) and the size distribution of
the particulates. At low AK levels, the fatigue crack
path showed some tendency to avoid the particulates,
while at higher AK levels particulates have less of an
influence on the crack path. The amount of SiC
particulate fractured during deformation increased by
an order of 5 as AK increased. In this study, an
increase in fatigue crack growth rate at low AK (near
threshold) was observed for the MMCs containing
fine (5 um) SiC particulates, relative to the unreinfor-
ced material and to the MMC material containing
coarse SiC (16 um) particulates (see Fig. 12). This
observation was attributed to the lower levels of crack
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Figure 11 (a) Effect of reinforcement content (O SiC,, (whisker), A
SiC, (nodule), O SiC, (particulate), —— — isostrain-type behavi-
our) on modulus of elasticity of discontinuous SiC/6061 Al com-
posites, (b) effect of Al matrix alloy an stress—strain behaviour of
composites with 20 vol % SiC,, reinforcement (a 7075 Al, b 2124 Al,
¢ 6061 Al, d 5083 Al), (c) Stress—strain curves of -6 temper SiC/6061
Al composites [85]. (a 40 vol % SiC,, b 30 vol % SiC,,, ¢ 30 vol %
SiC,, d 20 vol % SiC,,, e 20 vol % SiC,,, f 10 vol % SiC,,, g 20 vol %
SiC,, b 15 vol % SiC,).

closure associated with the fine SiC particulates relat-
ive to the coarse ones. Furthermore, the growth rates
were observed to become progressively lower at
higher AKs, as a result of the mutual competition of
particulate fracture ahead of the crack tip (which
enhances crack growth), and crack bridging from the
resulting ligaments behind the crack tip (which retards
the crack growth). At high AKs approaching instabil-
ity (K;c), growth rates were generally higher in both
fine and coarse particulate MMCs compared to un-
reinforced alloy, due to their much lower fracture
toughness values.

4.3.3. Fatigue crack growth mechanisms
The mechanisms of bridging induced by uncracked
ligaments behind the crack tip was deduced from
studies on Al-SiC, system [117], as discussed in the
previous section. Such ligaments, although not
continuous in three dimensions, act in any one two-
dimensional section to inhibit crack opening. This
mechanism, also observed in monolithic materials
[113-117], appears to result from fracture events trig-
gered ahead of the crack tip or from general non-
uniform or discontinuous advance of the crack front.
In Al-SiC, systems, for example, it predominates at
intermediate fatigue crack growth rates (107° to
1075 m cycle™!) where cleavage of SiC particulates
ahead of the crack tip becomes significant [119].
There are two types of ligament bridging which
have been reported during fatigue propagation at
intermediate stress intensities in Al-SiC, composites.
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In alloys with high SiC volume fractions (greater than
20 vol %), the uncracked ligaments are predominantly
coplanar with the crack and are reportedly associated
with fracture of carbides ahead of the crack tip; how-
ever, it has a small effect on crack-growth rates
[119-121]. In alloys with lower SiC volume fractions,
the ligaments are principally formed by overlapping
cracks on different planes and the effect on growth
rates is considerably large. The former is controlled by
crack opening. In view of these results, a limiting
crack-opening displacement model was proposed to
describe the degree of crack-tip shielding [120]. The
latter is limited by the strength of the ligament and is
thus described by the limiting strain model.

The basis of the limited crack-opening displacement
model is that the stress in any ligament behind the
crack tip is related to the crack opening at that point;
specifically the displacement in the last unbroken
ligament at the end of the bridging zone must ap-
proach the limiting crack-opening displacement for
fracture of the ligament. In the case of the limiting
strain model, the bridges are represented as tensile
ligaments, where the stress in a ligament is propor-
tional to the strain [121].

4.4, Elevated temperature behaviour

The use of particulate reinforced MMCs for high
temperature applications requires a fundamental
knowledge of the mechanisms affecting their creep
behaviour. Unfortunately, creep studies of particulate
reinforced MMCs have been limited. Some of the
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available results are shown in Figs 13 to 15. At
relatively low volume fractions (less than 20 vol %),
the particulate reinforced MMC shows virtually no
primary or secondary creep behaviour but is charac-
terized by a progressively increasing creep rate over
most of the creep life [122]. At higher volume fractions
(greater than 20 vol %), however, primary, secondary,
and tertiary stages were observed by several investig-
ators [123-127]. Creep studies of whisker reinforced
MMCs [123, 125] and particulate reinforced MMCs
[126] report a high stress exponent and a high activa-
tion energy, similar to that reported for oxide disper-
sion strengthened alloys (ODS) and precipitation
strengthened alloys (e.g., nickel-base superalloys and
Al-Li alloys) where the dispersoids act as obstacles to
dislocation motion [127]. The creep behaviour of
particulate MMCs had been described by an empirical
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Figure 13 Creep curve for 13 vol % SiC_-2014 Al at 473 K [122].
T=473K; ¢ = 150 MPa.
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Figure 15 Minimum creep rate as a function of stress for un-
reinforced (), 20 vol % SiC, reinforced (O) and 20 vol % SiC,
reinforced (@) 6061 Al matrix alloy [123].

equation of the type [125]
Tmin(sec™') = At"exp(— Q/RT) (24)

where v,,, is the minimum creep rate, 4 a constant
that depends on structure and temperature, 1 the
applied shear stress, n the stress exponent, Q the
activation energy; for example, n = 9.5 and Q
= 400 kJ mol ™" for a 20 vol % 2124 Al-SiC, system.
However, an important feature of ODS alloys, i.e., a
threshold stress, has not been observed in the MMCs.
In a study by Divecha et al. [15], a particulate re-
inforced MMC (similar to Al-Li-SiC,) was found to
be stronger relative to the unreinforced alloy at low
creep rates, but weaker at high creep rates

(y" > 10"*sec™!). This behaviour was thought to
result from the reinforcements being too coarse to act
as effective barriers to dislocation motion at high
temperatures.

It was reported that under the same test conditions
the particulate reinforced composite can be as much as
100 times less creep resistant than that of the whisker
reinforced material [123]. This finding was attributed
to the difference in the load bearing capabilities and
the relative strengths of the two types of reinforce-
ment.

4.4.1. Elevated temperature deformation
mechanisms and models

Creep behaviour in particulate reinforced MMCs is
characterized by a progressively increasing creep rate
(tertiary creep) over most of the creep life. The poten-
tial causes of tertiary creep in engineering alloys have
recently been reviewed by Dyson and McLean [127]
who point to the usefulness of the Monkman-Grant
parameter, C,, and a creep damage factor, m, in
identifying the type of damage that causes the acceler-
ating creep. Analysis of the creep curve for Al-SiC,
indicates that C,, ~ 10~% and n ~ 10 which are far
out of range of values for damage mechanisms that
lead to tertiary creep and fracture in more conven-
tional metallic alloys, e.g., loss of external section
(C,, ~ 0.2), and development of creep cavities (n ~ 1
to 3). More appropriate mechanisms in this case are
those dependent on degradation of the microstructure,
by thermal coarsening of the particulates or the devel-
opment of dislocation substructure. The former may
be disregarded on account of the relatively low tem-
peratures and high stability of the particulate mor-
phologies. However, the data are similar to those of
nickel-base superalloys and Al-Li alloys where terti-
ary creep has been shown to be a strain softening
phenomenon resulting from the progressive accumu-
lation of mobile dislocations [127]. Constitutive equ-
ations, based on this physical interpretation, have
been developed and expressed, using the formalism of
continuum damage mechanics, in terms of two state
variables S and @ by lon et al. [108] and Maldini er al.
[109]

€ = Emnl(l — SH(1 — S)]exp(w) (25)
S = Hep, [(1 — 81 = S) — §/8] (26)
o = Hey, 27

where S is the ratio of an internal stress caused by
local stress distributions and the applied stress that
leads to an element of primary creep; o is a measure
of the increase in the density of mobile dislocations
(P — Pmin/P)> Emin 18 the minimum creep rate and S is
the steady state value for S. Strengthening associated
with equiaxed particulates is due to the suppression of
the natural creep mechanisms that can occur in the
monolithic matrix material; e.g, dislocation glide,
which occurs readily in the monolithic matrix mater-
ial, may be prevented by the particulates, thus re-
quiring dislocation motion to occur by slower climb
around the particulates.
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5. Concluding remarks

The large body of literature reviewed in this paper
presents a cross-section of views and experimental
results obtained over the years by numerous investig-
ators in the field of particulate reinforced MMCs.
Considerable amount of interest in these materials
among researchers in both academia and industry led
to numerous studies which enriched our understand-
ing of the inter-relationship between processing-
microscopic characteristics and macroscopic behavi-
our.

The results reviewed in this work demonstrate that,
although the interface formed between the matrix and
the reinforcement has a critical effect on subsequent
mechanical behaviour, our current understanding of
the interface is limited. For example, direct measure-
ments of the interfacial shear strength in the MMCs
have been limited to pull-out tests and punch tests.

Regarding the processing of particulate reinforced
MMCs, a variety of techniques have evolved over the
past two decades. A critical review of the available
literature shows that these processing techniques can
be classified according to the temperature of the me-
tallic matrix during processing. Accordingly, liquid
phase, solid phase and two phase (solid-liquid) pro-
cesses are currently available.

Finally, the physical and mechanical properties of
particulate reinforced MMCs were also reviewed, with
particular emphasis on: strengthening mechanisms,
dynamic, static and high temperature behaviour.
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